Within the framework of the lattice-statics and static fluctuation-waves' methods, the available energies of strain-induced interaction of interstitial-interstitial, interstitial-substitutional and substitutional-substitutional impurity atomic pairs are collected and analysed for f.c.c.-(Ni,Fe)-C solutions allowing for discrete atomic structure of the host-crystal lattice. The lattice spacings, elasticity moduli and/or quasi-elastic force parameters of the host-crystal lattice, and concentration coefficients of the dilatation of solid-solution lattice due to the respective solutes are selected as the input numerical experimental data used. The above-mentioned interaction energies prove to have non-monotonically decreasing ('quasi-oscillating') and anisotropic dependences on discrete interatomic radius-vector, and themselves are strong and long-range. In all f.c.c.-(Ni,Fe)-base solutions, there is strain-induced attraction in many co-ordination shells. In general, the strain-induced interaction between impurity atoms in γ-Fe is weaker than in α-Ni (but in some solid solutions, it may prove to be of the same order). The verification of applicability of the approximation of strain-induced interaction of impurities for f.c.c.-(Ni,Fe)-C alloys (by means of analysis of thermodynamic C activity and 'short-range order' parameters of C-atoms' distribution revealed by Mössbauer spectroscopy) showed that it must be supplemented with additional short-range ('electrochemical') repulsion in the first co-ordination shell. Nevertheless, in any case, the strain-induced interaction of impurity atoms must be taken into account for analysis of structure and properties of f.c.c.-(Ni,Fe)-base solutions. The Monte Carlo simulation procedures applied for constitution of a nanoscale Fe-C-austenite crystallite and based on analysis of the dependences of numbers of the different atomic configurations on C-C interatomic-interaction en- Defect and Diffusion Forum Online: 2008-11-04 ISSN: 1662-9507, Vols. 280-281, pp 29-78 doi:10.4028/www.scientific.net/DDF.280-281.29 © 2008 ergies reveal correlation between the potential energy of such a modelling system and the numbers of iterations as well as Monte Carlo steps for the approach to constrained equilibrium. As shown by the example of austenite, for adequate representation of the experimental data on thermodynamic C activity, one needs to take into account for computations the 'electrochemical' (direct) and strain-induced (indirect) contributions to C-C interaction. The estimated sets of energies of such a total interaction within the first several interstitial co-ordination shells with rated radii are presented, and optimal set is selected, which optimally corresponds to experimental concentration and temperature dependences of C activity and the Mössbauer-spectroscopy data on the nearest neighbourhoods of Fe atoms with octahedral C interstitials. The 'equilibrium' relative parts of the different atomic Fe-C and C-C configurations (depending on C-C interaction energies) are determined. The Khachaturyan-Cook microscopic approach is considered to relate the time dependence of the long-range order (LRO) or short-range order to atomic diffusion. It enables to use the data of measurements of time dependence of radiation diffraction or diffuse-scattering intensity for a Ni-Fe solid solution for calculation of both probabilities of elementary atomic-migration jumps to different lattice sites per unit time and 'exchange' or vacancycontrolled diffusion coefficients, respectively. Using the quantitative experimental information about the Curie temperatures, T C , and neutron diffuse-scattering intensities for disordered f.c.c.-Ni-Fe alloys, it is possible to evaluate the Fourier components, w tot (k), of effective Ni-Fe atomic 'mixing' energies (inclusive the competing exchange interactions of respective permanent magnetic moments) taking into account both long-range 'paramagnetic' ('electrochemical' + 'strain-induced') and Isingtype magnetic contributions that drive the long-range ordering. Magnetism and 'chemical' (atomic) LRO in f.c.c.-Ni 1−c Fe Fe c Fe alloys are analysed within the self-consistent field approximation, in which the statistical thermodynamics of the non-stoichiometric L1 2 (Ni 3 Fe)-type permalloy (as well as L1 0 (NiFe)-type elinvar) is determined by several energy parameters {w tot (k)}. There is a revealed interplay of magnetism and long-range atomic ordering with the order-disorder transformation temperatures, T K , (below T C ) appreciably different from the corresponding isolated T K values (above T C ). The interplay of these two phenomena is examined along two lines, i.e. through the estimation of both temperature-c Fe dependence of spatial LRO parameter and magnetisations of Ni and Fe subsystems. Not only the temperature-dependent phase states of such binary f.c.c. alloys can be reproduced, but also the dependence of T K vs. c Fe , including the observed asymmetry of phase-diagram curves due to the T-and c Fe -dependent magnetic contribution to the effective interatomic interactions etc. As revealed for f.c.c.-Ni-Fe alloy with the use of single relaxation-time kinetics approximation for calculation of equilibrium intensity values, the magnetic contribution to the 'mixing' energy of atoms (in low-spin states) of this alloy facilitates its atomic ordering, and the presence of atoms with essentially different spins may cause the virtually abrupt phase transition from paramagnetic state into magnetic one. The optimal sets of exchange-interaction energy parameters for f.c.c. Ni-Fe alloy are selected. As shown, the doping with small amounts of interstitial C impurities most likely increases ferromagnetic component of bond of Ni spins with Fe spins, reduces ferromagnetic component of bond of Ni spins with Ni spins, and increases antiferromagnetic component of bond of Fe spins with Fe spins in an f.c.c.-Ni-Fe alloy.
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Introduction
In spite of a long history of researches of the objects considered in offered article, namely Ni-Fe-(C) permalloys and elinvars, there is still their topicality inasmuch as many interesting and important effects, which are revealed in them and are widely discussed in a plenty of important theoretical and especially experimental literature, till now have not received an adequate explanation. (However, the set of prestigious prizes was awarded with revelations of some of them.) In particular, such circumstance has been conditioned by absence of adequate parameterization of those mechanisms and factors, which govern one or another phenomenon at the atomic level. Not solving a formidable task to survey all literature concerning the properties of interstitial elements in such transition-metal alloys, their paramagnetic properties, phase stability etc. because of the limited length of article, authors hope that the problem of accumulation of corresponding parameters of both the interatomic interactions and the kinetics of atomic redistribution in these alloys is solved in part (nevertheless, appreciably) in a given atom-atom H-H potentials [22, 30, 31] or by diffusion simulation [17] in case of H in f.c.c. metals (α-Ni, γ-Fe etc.), the additional repulsion of interstitial H atoms is weak (as compared with strain-induced H-H interaction [17, 22, 30, 31] ) or absent almost everywhere. One can explain this by the great distance between two interstitial H atoms located in two neighbouring octahedral interstices of a typical f.c.c. lattice [17, 22, 24, 30, 31] . This distance of common occurrence in the I-st co-ordination shell within a typical f.c.c. lattice is longer than both the revealed 'effective radius' of an H-H screened electrostatic repulsion in a typical b.c.c. metal lattice [17, 26, 27, 32] and the range between H nuclei and/or between the 'overlapping' filled electron shells, which surround these nuclei in H 2 molecules.
On the other hand, the applicability of the approximation of C-C strain-induced interaction for description of α-Ni-C solid solution or C austenite was studied in [3, 17, 24, 25, 28] , and the necessity is presently known to supplement this long-range interaction with the short-range repulsion, as in interstitial solid solutions based on the b.c.c. metals (e.g., α-Fe) [1, 17-19, 27, 32] or other isomorphous f.c.c. solid solutions such as N in α-Ni or γ-Fe [21, 28, 29, 31] etc. One can verify it, for instance, by means of calculation and comparison with experimental data concerning thermodynamic impurity activity (e.g., [4, [10] [11] [12] [13] ) or the relative part of the Fe sites with different interstitial (or Ni) atomic neighbourhoods estimated with the use of Mössbauer spectroscopy (e.g., [4, 7, 8, 53, 54, 57] ), as performed in Refs [3, 24, 25, 28, 29, 56] .
The aims of this work are as follows: (i) to compare the known energies of i-i strain-induced interaction in f.c.c.-(Ni,Fe) alloys [3, 17, 22, 24, 25, 28, 30, 31] and those calculated with the use of the more precise dependence of lattice parameter of solid solution on the interstitial-impurity concentration [49] (see Refs in [22, 51] ) with available energies of 'electrochemical' interaction of respective interstitial non-metallic atoms [40] [41] [42] ; (ii) to compare the known [16, 23, 24] and recalculated (adequately with regard to Refs [49, 50, 51]) energies of s-s or i-s strain-induced interactions in solid solution based on f.c.c.-(Ni,Fe) crystal with available energies of 'electrochemical' interactions of respective substitutional metal atoms with each other or with interstitial non-metallic atoms [42, [43] [44] [45] [46] [47] ; (iii) to investigate applicability of the approximation of strain-induced interaction of impurity atoms supplemented with their relatively short-range real-space repulsion in γ-Fe (or α-Ni), for instance, by means of comparison of the results of computer simulation of the thermodynamic impurity activity and indirect parameters of their spatial distribution taken from Mössbauer-spectroscopy with available experimental database, e.g., [4, 10-13, 53, 54, 57] . Besides, there are some dedicated aspects of the effect of experimentally well revealed magnetic ordering on phase stability of Ni-Fe-(C) alloys formed with two magnetic components, which have to be considered in phase-diagram and kinetics calculations: (iv) first, magnetic ordering can be considered as a magnetic stabilization effect [58, 59, 62, [95] [96] [97] [98] [99] ; (v) the second aspect is the interdependence of magnetism and spatial LRO or decomposition (segregation) reactions, which occur in these alloys [2, 59, 61, 62, 95] . The need to incorporate the both 'chemical' and magnetic interactions (with a strain-induced contribution) within any complete model of f.c.c.-Ni 1−c Fe Fe c Fe alloy (c Fe -relative concentration of Fe) has been indicated in many earlier studies. Despite the success of the formalistic treatments [62-67, 91, 92, 96] developed previously for magnetic and atomic ordering (or segregation) in f.c.c. alloys jointly with a method restriction by nearest-neighbour interactions only, it is not worth to abstain from any improved physical model, particularly if the interplay of atomic and magnetic order has to be considered and reveals itself on the modified temperatures of structural and magnetic order-disorder transitions (introduced into the formalism), which can considerably be raised or lowered. These models should be lucid for physical interpretation and sufficiently simple to be applicable to practical cases. This means [62] : the use of the interatomic and magnetic interactions as effectively-pairwise ones; the use of the magnetic-exchange-interaction energies, {J αβ (r)} [2, 61] , of spins (α, β = Ni, Fe) spaced with a position vector r as almost independent on the temperature and c Fe (unlike the magnetic contribution to the pairwise 'interchange' ('mixing') energies, {w tot (r)} [1, 2, 61], of substitutional atoms) and the 'para-
32
Defects and Diffusion in Ceramics X magnetic' ('electrochemical' [3] + 'strain-induced' [1] [2] [3] ) contribution, {w prm (r)}, to {w tot (r)} as almost independent on c Fe and perhaps weakly dependent on temperature (like the elastic moduli). As regards the methods, which may enable properly account for the long-range contributions to interatomic interactions within the framework of the statistical-thermodynamic theory of ordering of solid solutions at issue, one of them is significant and has been proposed by Khachaturyan [1, 2] . Even for the long-range interactions, all thermodynamic quantities may be evaluated within the selfconsistent field approximation (SCFA), if we know just a few energy parameters-{w tot (k)}, which are the Fourier components of the pairwise 'interchange' ('mixing') energies, {w tot (r)}, taken in the non-equivalent points {k} [1-3, 100, 102, 109] . By definition, where r = R − R' (R, R'-radius-vectors of sites in f.c.c. crystal lattice at issue), the wave vectors k refer to the positions of fundamental (k = k 0 ≡ 0) and superstructural (k = k 1 , k 2 , …, k s , …, k m−1 ) reciprocal-space points-the 'stars', {k s }, of wave vectors in the first Brillouin zone (m-a number of sublattices formed during the atomic ordering of alloy), and the sum is taken over all vector differences {R − R'} between the all N u.c crystal-lattice sites {R, R' etc.}. The pertinent number of the energy parameters, {w tot (k)}, is determined by the structure of the ordered phase. For example, the statistical thermodynamics of the L1 2 -and L1 0 -type f.c.c. substitutional binary alloys [1, 2] is determined, within the SCFA, by two energy parameters: [1, 2] ; w I , w II , w III , w IV , w V , w VI , ... are the 'interchange' energies of atomic pairs for the 1-st, 2-nd, 3-rd, 4-th, 5-th, 6-th, ... co-ordination shells with radii
.., respectively, in f.c.c. lattice with parameter a.
On the other hand, quantitative information about the radiation diffuse-scattering intensity, I diff (q), associated with the (correlation) short-range order effects, i.e. configuration fluctuations as thermodynamic perturbations, in the disordered f.c.c.-Ni 1−c Fe Fe c Fe alloy at issue (c Fe -the atomic fraction of Fe) in the equilibrium state (after 'infinitely' long annealing) at the absolute temperature T, may be estimated by the extrapolation of the available intensity values measured in situ at a point q, which is disposed at a distance k from 2πB-nearest reciprocal-space 'site' (B-reciprocal-lattice vector) of the f.c.c. lattice of disordered alloy. Only such ('asymptotic') information can be used to evaluate adequately the Fourier component, w tot (k), of 'interchange' energies of 'solvent' (Ni) and 'solute' (Fe) atoms with coherent-scattering lengths b Ni and b Fe , respectively, that may be found, e.g., on the known KrivoglazClapp-Moss formula for the intensity of elastic neutron diffuse scattering by the short-range atomic order [1, 2, 61, 100, 102]:
Here e −2M−L is the so-called overall (static and dynamic [102] ) Debye-Waller factor of intensity interference-maximum attenuation used in the kinematic theory of single scattering;
is normalizing factor [2] ; k B -the Boltzmann constant. Thus, one has unique possibility of direct comDefect and Diffusion Forum Vols. 280-281putation of energy parameters, {w tot (k)}, of the alloy at issue using experimental data (see, e.g., [80] ). In this way, one has to use available data on the neutron, x-ray or electron diffuse-scattering intensities at the respective reciprocal-space points {k} for the disordered phase and then determine these desired parameters, {w tot (k)}, by using the Krivoglaz-Clapp-Moss formula (to within ±15%).
To work out in detail the binary sections of phase diagrams of Ni 1-c Fe Fe c Fe C c C systems (c C -relative C content) based on f.c.c. crystal lattice and estimate the influence of interstitial C on the exchangeinteraction energies for Ni and Fe atoms, the other aim of a given work was the comparison of derived analytical relationships (within the linear approximation of dependence of exchange-interaction parameters on C content) with both literary experimental data on the Curie temperature T C = T C (c Fe , c C ) of disordered f.c.c. Ni-Fe-C alloys and evaluation data obtained in the measurements of temperaturedependent magnetic susceptibility. Due to the optimisation procedure of fitting parameters of a content-dependent T C for Ni-Fe-(C) alloys without of long-range atomic order, the suitable statisticalthermodynamic parameters of such dependence may be estimated. These parameters are defined by combinations of values of Ni and Fe atomic spins and their exchange-interaction energies. The prognostic conclusions related to the interaction between spins of Ni-Fe, Ni-Ni, Fe-Fe atomic pairs were the desirable results. The magnetic-transition temperatures for disordered low-C f.c.c.-Ni-Fe-C alloys may be calculated allowing for new information on evaluated exchange-interaction energies. In this way, the disposition of paramagnetic and magnetic fields in phase diagram of the f.c.c. substitutional subsystem of Ni-Fe-C system can be detailed for such C-concentration range.
However, for all that, the criteria of absence of any nearest-neighbour exchange-interaction energies' temperature-dependence influence on T C must be suggested, particularly, for f.c.c.-Ni-Fe alloys, taking into account a comparatively-weak dependence of their lattice parameter on the temperature (i.e. low thermal expansion) within the temperature range at issue.
The influence of interstitial C on the Kurnakov's temperature T K = T K (c C ) of long-ranged atomic ordering in substitutional f.c.c.-Ni-Fe alloys (in accordance with L1 2 or L1 0 superstructural types) must also be analysed at least within the framework of the fourth-order approximation of the dependence of free energy on the C content and long-range order parameter (for c C << 1) taking into account the longrange interatomic interactions.
With all this going on, the lattice-statics method, atom-atom potential methodology, static concentration-wave method, SCFA, Ising lattice statistics, simplified Heisenberg-approximation methodology etc. are used in analysis of the multifarious independent experimental data. Many physical effects are known to depend rather sensitively on the volume (or as good as on the lattice-parameter) changes, but reliable experimental data are not often available, even for binary alloys. The correct predictions of the variation of the mean interatomic distance with composition and constraints for that are the fundamental problems within the theory of alloys. Various empirical 'rules' have been proposed for this purpose, for instance, Végard's rule (1921) calls for a linear variation of the lattice parameter with concentration. Examples, in which this 'rule' is strictly observed, are very scarce (see Ref. [51] ) so one wonders why it enjoys such long-lived popularity and continues to inspire so many attempts and calculations to explain its failure. Actually, concentration dependences of lattice spacings of binary α-Ni-Fe, γ-FeNi, γ-Fe-C or α-Ni-C alloys, including those obtained through the extrapolation from high temperatures, are 'irregular' outside the following concentration ranges: 0 ≤ c Fe < 0.55, 0 ≤ c Ni ≡ 1 − c Fe < 0.2, 0 ≤ c C < 0.09 or 0 ≤ c C < 0.02, respectively, and deviate from Végard's rule quite appreciably, especially for various Invar alloys within the temperature range from room temperature up to 300°C [49] [50] [51] . The success of this simple relation implies that 'elastic' (strain-induced) effects dominate the changes of lattice parameter on alloying; as presupposed within the first approximation, one may ig-
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Defects and Diffusion in Ceramics X nore all charge transfer effects. Although this simple model cannot be used to make the predictions on the stability of the alloy, the 'elastic law' expressed by simple Végard's rule should be very useful for estimation of the volume and energy of formation in crystalline solids. The calculation technique considered in a given work is based on the corresponding theory formulated by Khachaturyan [1, 2] within the reciprocal-space approach and Matsubara-Kanzaki-Krivoglaz lattice-statics method (see bibliography in Refs [1] [2] [3] ).
Let interstitial atoms are located in octahedral interstices of an f.c.c. lattice amongst its sites. Each unit cell of the f.c.c. lattice (see Fig. I .1a) has one octahedral site. Let vectors R and R' describe the positions of primitive unit cells with atoms of α or β sorts located in lattice sites or interstices. The straininduced interaction energies V αβ (R − R') of α and β atoms (αβ = (i-i) or (s-s) or (i-s)) in primitive unit cells separated by the vector r = R − R' are calculated by means of the Fourier-series expansion,
where the summation is carried out over all N u.c points of quasi-continuum {k'} within the first Brillouin zone (BZ) of the f.c.c. lattice (see Fig. I .1b), allowed according to the cyclic boundary conditions, k' is the wave vector, V~α β (k') is the Fourier component of the strain-induced interaction energies.
The function V~α β (k) may be expressed through such material parameters as concentration coefficients of the host-lattice dilatation-L i (for interstitial atoms) and L s (for substitutional atoms), elasticity moduli, and/or frequencies of natural quasi-harmonic vibrations of the host crystal [1] [2] [3] .
Within the framework of both superposition approximation [2] and quasi-harmonic one [1] [2] [3] , this (non-analytic) function looks like the algebraic sum of scalar products,
for k ≠ 0 (see expression for V~α β (0) at k = 0 in Refs [1] [2] [3] ), where δ αβ is the Kronecker delta-symbol, 
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is the Fourier transform of the 'coupling' force F α (r) (the so-called Kanzaki force) 'acting' on the undisplaced host atom (at the site R = r) by α-type impurity atom (at the position within the primitive unit cell corresponding to R' = 0). The vectors F~i(k) and F~s(k) are material parameters at the given conditions. In the primed sum in Eq. (I.2), the term, which corresponds to k' = 0, is omitted.
( )
is a Fourier transform of host-atom displacement-vector component u (β) (R) (at a site R) caused by the β-type atom (at R' = 0). Within the framework of the superposition approximation [2] and latticestatics approach, the value of ũ (β) (k) (for k ≠ 0) may be obtained from the equation of mechanical equilibrium,
where the tensor Ã(k) is a dynamical matrix ||Ã ij (k)|| of a host crystal; i, j = x, y, z are the Cartesian indices.
The final purpose of calculations of the dynamical matrix ||Ã ij (k)|| is determination of the matrix elements Ã ij (k) at any k ∈ BZ, if, for k with the ends lying along the symmetry directions, ||Ã ij (k)|| are known (||Ã ij (k)|| along symmetry directions is directly determined from inelastic slow-neutron scattering data).
The dynamical matrix ||Ã ij (k)|| may also be calculated by using the quasi-elastic force parameters of the host-crystal lattice. Introduction of these Born-von Kármán coupling parameters is the most common way to parameterise the experimental dispersion curves of host crystals; however, the Born-von Kármán approximation for the dynamical matrix may not be accurate enough. The major limitation of this approach is the large increase of the number of fitting parameters with increasing interionicinteraction range; the disadvantage of the simple force approximation is that a large number (20) (21) (22) (23) (24) (25) (26) (27) (28) (29) (30) of unknown expansion coefficients is required if the interionic potential is not extremely short range. It ensures impossibility of unambiguous determination of these coefficients from the available experimental data. The numerical values of these coupling parameters determined by a least-squares fit do not necessarily have any direct physical meaning. They provide a merely semi-phenomenological description of the spatial dispersion. A determination of the real physical couplings involves not only exact knowledge of the phonon frequencies but requires also information on the off-symmetry phonons' polarizations (see bibliography in Ref. [34] ).
The representation of the dynamical matrix in terms of the Born-von Kármán parameters for the f.c.c. crystal lattice is given in Ref. [16] according to [37] . (For γ-Fe at 1428 K, the applicable Bornvon Kármán parameters may also be taken from Ref. [33] , and that of α-Ni at room temperature from Refs [35] or [36] .)
In other semi-phenomenological models of the crystal-lattice dynamics, which satisfy the conditions of the invariance of the 'potential' energy of f.c.c. crystal with respect to translations and rotations of the crystal as a rigid body, the dynamical matrices can, in regard to the phonon properties, be expressed by relatively short-ranged real-space force parameters. The dynamical-matrix expression presented in Ref. [3] according to [38] through the parameters of both the centrally symmetric pairwise and non-pairwise (three-particle) short-range contributions to the interaction between the host ions for the f.c.c. crystal was approximately obtained in Refs [21, 22] in terms of the values of the experimentally measurable elasticity moduli (C 11 , C 12 , C 44 in Voigt's designations) (see Refs [33, 39] ) and the vibration normal-mode frequencies of the acoustic-phonon branches with longitudinal (ω LA ) and doubly degenerate transverse (ω TA ) polarizations (e.g. see Refs [33, 34, 36] ) for k (along the [1 0 0] direction), which correspond to the BZ-boundary symmetry point X (see Fig. I.1b) .
The inverse Fourier transformations similar to (I.1) and summation of series in (I.2) over k' ∈ BZ may be carried out with the use of a computer, for instance, by summing over ∼ 10 5 -10 7 uniformly- 
respectively; k x , k y , k z -Cartesian components of k. The value K ≡ (C 11 + 2C 12 )/3 is (elastic) bulk compression modulus of the host crystal, a 0 is the length of the edge of the smallest conventional cubic unit cell of the pure host f.c.c. lattice. It is clear that there is an urgent need of a simple rule to estimate (predict) the L i or L s with a known variation of the lattice parameter (average change of atomic volume) with concentration in solid solutions.
The concentration coefficients of the dilatation of the host lattice, L i or L s , may be obtained according to the dependence of the parameter of crystal lattice of solid solution, a = a({c α }, T), on relative concentration c α (α = i, s), [48-51, 114, 115] ). The L i and L s values calculated according to these data weakly depend on temperature. This means that one can use available x-ray data at room or elevated temperatures (corrected subsequently for thermal expansion), e.g., for α-Ni-base equilibrium solid solutions in case of doping by Fe [50, 51, 115] and C [51, 114] atoms, for retained austenite [24] or unstrained one (i.e. fully austenitic and thus strain-free specimen in equilibrium) [21, 28] in case of C additions [48] [49] [50] 114] , and for γ-Fe-base solid solutions in case of Ni alloying [50, 51, 115] . (It is important that, for other additions of substitutional atoms like Mn, Mo, Al, Cu etc. to α-Ni-base alloys Defect and Diffusion Forum Vols. 280-281containing a fixed amount of Fe, L s values may also be obtained [24] according to changes of a lattice parameter of α-Ni-Fe solid solutions [115] related to the third alloying element. Nevertheless, for all that, the lattice parameter of the binary α-Ni-Fe solution [115] with the same Ni content as in the ternary solid solution should be used as a 0 .)
The numerical values of the coefficients L i and L s displayed in Table I .1 cannot be considered highly reliable, especially, for α-Ni-C and γ-Fe-H solid solutions, and need to be determined more accurately in future. That is why the energies must be presented in functional form [1, 3, 16, 17, [23] [24] [25] [16, 17, 21-25, 28, 30] and listed in the tables below.
The energies V αβ (R − R') calculated for γ-Fe-base solid solutions at 1428 K (e.g. in Ref. [24] with the Born-von Karman parameters obtained in Ref. [33] ) are strictly suitable at this temperature. Nevertheless, one will use these energies in statistical-thermodynamic analysis at different temperatures and for comparison with the interaction energies of impurities in α-Ni calculated for other temperatures (e.g., for the room temperature and 500 K). It is important that the strain-induced interaction of impurity atoms is about the same in some solid solutions based on γ-Fe as those for some solid solutions based on α-Ni (Figs. I.2-4) [24, 25] despite the differences of temperatures (and compositions). (It is usually assumed that the interatomic-interaction energies weakly depend on temperature.) 1.2. Computational Results and Discussion. Since F~i(k) and F~s(k) are linear functions of L i and L s , respectively, it follows from (I.2) and (I.5) that the energies V
Three sets of the 'universal' coefficients {A
is (R − R')}-are the same for all solid solutions based on the generic f.c.c. host-crystal lattice (α-Ni or γ-Fe). The coefficients {A αβ (R − R')} may be determined through computer calculations. However, they enable direct evaluation (without involving numerical methods) of the 'pairwise' strain-induced interaction energies provided the coefficients of the concentration dilatation of the host-crystal lattice (concerning the relevant substitutional and interstitial atoms) are known. Tables I.2-4 give the numerical values of the respective energies {V αβ (R − R')} for various distances r = R − R'. These tables can also be used directly for calculation of the values of interaction energies for some other solid solutions (e.g., α-Ni-H and γ-Fe-H presented in Table I .2). (Table I. [52], [51] , [22] [49], [50] , [114] [30], [22] , [114] [50], [51] , [115] [50], [115] 38
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One can see that these energies are anisotropic and quasi-oscillating. There is 'strong' attraction in the I-st and III-rd co-ordination shells, 'strong' repulsion in the II-nd shell and no weak interaction in the VI-th and VIII-th shells. One can see that the C-C interaction extend over two shells taken usually into account for analysis the thermodynamic properties or Mössbauer spectra of austenite [2, 7, 53] .
The energies of C-C ( Fig. I.2 ) and H-H interactions differ from data in Refs [28] and [30] , respectively. As mentioned in [24, 25] , it is possibly connected with the simplified form of the dynamical matrix ||Ã ij (k)|| used in Refs [21, 28, 30] . Another cause of difference consists in 'rough' estimation [21, 28, 30] using the assumption of i-i interatomic interaction in α-Ni and γ-Fe within only six coordination interstitial shells.
Calculations of the Fourier components, {Ã ii (k)}, of the coefficients, {A ii (R − R')}, for interstitialimpurity atoms in some f.c.c. metals [3, 17, 21, 22, 24, 25, 28, 30, 31] , which have been performed with the use of different forms of ||Ã ij (k)||, gave the results (e.g., the energies of H-H strain-induced interaction in α-Pd [17] and [31] ), which are satisfactorily fitted with each other (and other studies [20 etc.] 
In γ-Fe: Defect and Diffusion Forum Vols. 280-281 Table I .2 as more precise than the real-space data in Refs [21, 28, 30] .
Comparison of C-C and H-H interactions in α-Ni presented, on the one hand, in a given article (see Table I .2) and Ref. [22] , and, on the other hand, in Fig. I .2a and Refs [17, 24, 25] , shows that the respective interaction-energy functions have essentially different dependences on distance (see, e.g., signs of them in the IV-th co-ordination shell) due to the distinctions of forms of the f.c.c. host-crystal dynamic matrix ||Ã ij (k)|| used in these Refs. Nevertheless, for high-symmetry points {Γ, X, W, L, K(U)} in BZ, always-truth is as follows:
that is significant for the priority rating of driving motives in the statistical thermodynamics of interstitial solid solutions based on the f.c.c. lattice. (Table I. 
Substitutional-Substitutional Strain-Induced Interaction
In γ-Fe: In α-Ni: 
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interactions are determined by L s values for specific solid solutions. The calculations of both the Fourier components, {Ã ss (k)}, of the coefficients {A ss (R − R')} for substitutional impurity atoms in many f.c.c. metals [16, 24] and the energies of strain-induced Mn-Mn interaction in γ-Fe [3] or vacancy-vacancy in α-Pd [31] , which have been performed with the use of different forms of the dynamical matrix, ||Ã ij (k)||, gave results, which are satisfactorily fitted with each other (and other studies [15 etc.] ) for respective solid solutions.
It is significant for the priority rating of governing factors in the statistical thermodynamics of substitutional solutions based on the f.c.c. lattice that, for high-symmetry points
(usually within the framework of approximations (I.7) and Refs [3, 38] ; for reference, see also [124] ). (Table I .4 and Fig. I.4) . Since all the interstitials expand a crystal lattice, one has L i > 0, and the sign of V is (R − R') is determined by the sign of the product of A is (R − R') and L s . In the first two co-ordination shells one has A is (R − R') < 0. In the far shells, the interaction energy is anisotropic and quasi-oscillating. 
Interstitial-Substitutional Strain-Induced Interaction
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When a substitutional atom expands the host-crystal lattice (L s > 0), attraction in the I-st and the IInd co-ordination shells is observed with the maximal attraction in the I-st shell. On the contrary, when a substitutional atom contracts the host-crystal lattice (L s < 0) there is repulsion in the first two shells and weak attraction in the III-rd one. The attraction is weak since the value |A is (R − R')| in the III-rd shell is about 20 times less than in the I-st one. This is why the i-s attraction may be essential in α-Ni and γ-Fe only if a substitutional atom expands the crystal lattice (L s > 0). In the latter case, the i-s attraction in the I-st co-ordination shell may be of the same order or stronger than the i-i attraction (see energies of C-C interactions in Table I .2 as well as energies of C-Fe and C-Ni within α-Ni and γ-Fe, respectively, in Table I .4) because the value |A is (R − R')| in the I-st shell is about twice the coefficient |A ii (R − R')|. For comparison, the co-ordination shell distribution of the C-Ni interaction energies for a case of location of the interstitial C atoms in octahedral interstices in γ-Fe are calculated in this work and [24] , and presented in Table I .4. Apparently, the interaction calculated and presented here is strongest in all shells, unlike a case of Ref. [24] . For L s < 0, this interaction is repulsive. The main difference between our results and Ref. [24] is as follows. When a substitutional atom contracts the crystal lattice (L s < 0; see, for instance, Ref. [50] ), the i-s attraction in γ-Fe is quite weak (in the III-rd co-ordination shell), in contrast to much more weak repulsion in the III-rd shell in γ-Fe from [24] . One also has to take into consideration that the strain-induced interaction is not the only contribution to i-s interaction, and must be supplemented by the 'electrochemical' interaction, like a case of b.c.c. metals ([27] etc.).
Parameterization of the Direct 'Electrochemical' Interaction Energies
'Electrochemical' Interaction of Solute Atoms.
To specify the energies of direct 'electrochemical' interactions of substitutional and/or interstitial atoms in f.c.c.-(Ni,Fe)-C solutions, the most essential potentials of interactions, which can be compared with each other and used, are as follows:
(i) energy expression [43] , (iii) generalized Lennard-Jones potential, 
which is parameterized with respective fitting parameters: 1 
with respective fitting parameters 0 0 0 , , , , , , γ c B C r y r h for α = Ni or Fe; the cross-interaction func- 
. As is essential to note in the statistical-thermodynamic analysis of alloy phase stability, it is necessary not only to confirm a consistency or an inconsistency of application of those or other potentials of 'electrochemical' interatomic interactions, ϕ αβ (r), by quantitative characteristics of both these values and their derivatives with respect to distance between atoms, r, but also to supplement the same with the analysis and the account of symmetry of distribution of extrema of their Fourier components all along proper reciprocal space of an alloy lattice (see [1-3, 18, 19, 21, 22, 28-31, 61, 100, 102, 109] ).
The potential of Born-Mayer type (vi) within the scope of Abrahamson's parameterization [42] rather well reproduces (with a margin of errors to 3%) values of energy of repulsive (non-bonded) interaction of pair atoms within the limits of extension in space (R l ≤ r ≤ R u ) of its effective action. However, combinations corresponding to it such as 'interchange' ('mixing') energy of atoms of Fe and Ni on sites already outside of the first site co-ordination shell of an f.c.c. lattice of a Ni-Fe alloy have extremely underestimated values that causes quantitative insufficiency of the energy characterization of thermodynamics of an f.c.c.-Ni-Fe alloy, for example, by means of Fourier components of such 'interchange' energies. Nevertheless, distribution of the latter values along reciprocal space of an f.c.c. lattice can properly represent the configuration-symmetrical description of ordering structures of a considered substitutional alloy.
As to the generalized potentials of Lennard-Jones type, for example, within the framework of the parameterization (iv) of Horiuchi et al. [117] , they rather well reproduce values of energies of 'electro-chemical' interactions of pairs of atoms within the range of the first site co-ordination sphere and also reasonable values of combinations corresponding to them such as 'interchange' energy of atoms of Fe and Ni on sites of an f.c.c. lattice of a Ni-Fe alloy. However, unfortunately, on sites outside the first site co-ordination sphere, such 'interchange' energies are already characterized by too overestimated values. In that way, they do not provide the unconditionally-adequate statistical-thermodynamic description of an f.c.c.-Ni-Fe alloy, for example, by means of Fourier components of such 'interchange' energies, and distribution of extrema of the latter values along reciprocal space of an f.c.c. lattice at all does not correspond to the configuration-symmetrical description of well-known structures of a considered alloy with the long-range atomic order.
At the same time, both specified potentials can be used for order-of-magnitude estimation of macroscopic characteristics of an alloy (such as elastic modules and this sort of values) determined mainly by magnitudes (and character) of derivatives of potentials with respect to distance between atoms. Especially, it is true for the ADP of generalized Lennard-Jones type (v) within the scope of the parameterization of Mishin et al. [118] . Due to suitable numerical values of corresponding energies of 'electrochemical' interactions of pairs of atoms in several (usually, 4) site co-ordination shells (with radii r I = a/ (2) 1/2 , r II = a, r III = a(6) 1/2 /2, and r IV = a(2) 1/2 in f.c.c. lattice with parameter a) and also their combinations such as 'interchange' energy of atoms of Fe and Ni on sites of a lattice of an f.c.c.-Ni-Fe alloy, which in reasonable essentially-non-monotone ('quasi-oscillating') manner depend on interatomic distances in pairs, global extrema of Fourier components of such 'interchange' energies are distributed along reciprocal space of an f.c.c. lattice in tolerably-acceptable remoteness from those highsymmetry points of this space, which actually can 'generate' well-known ordered structures of a considered alloy. In particular, some lack of coincidence of position of a global minimum of Fourier component of 'interchange' energy made up only on basis of corresponding 'electrochemical' interactions of pairs of atoms of Fe and Ni with the centre X of square faces of a Brillouin zone (Fig. I.1b) can be quite compensated by other adjustable contributions, for instance, magnetic and/or strain-induced ones, in total interaction of substitutional atoms in a lattice of an f.c.c.-Ni-Fe alloy. Thus, with this kind of potentials of 'electrochemical' interaction of atoms of Ni and Fe supplemented with magnetic and strain-induced contributions, it is possible to expect also satisfactory results in statistical thermodynamics of both the disordered state, but with the short-range atomic order, and the ordered states of a considered alloy in conformity with available results of data management in both physicochemical or thermodynamic testing and diffraction experiments (see, e.g., [58, 70, 71, 73, 76, 80, 84, 86, 99, 103, 105-111, 121, 122, 124] ).
As ascertained, atom-atom potentials for interactions of interstitial atoms should be calculated as follows:
(vii) by the Born-Mayer-type formula, C ( ) ( ) 
HH (r) for non-bonded interatomic N-N and H-H interactions can be found ibidem).
The calculated values of the 'electrochemical' interaction energies ϕ CC (r n ) for C-C atomic pairs within the nearest six co-ordination shells (n = I, II, …, VI) in γ-Fe [28] are presented in Table I .5. 2.2. Calculation of the Thermodynamical C activity in Fe-C austenite. To verify both the applicability of the approximation of strain-induced interaction between interstitial C atoms for description of their solutions based on γ-Fe (or α-Ni) and the necessity to supplement it with short-range repulsion due to a screened Coulomb interaction (following [24, 25] ) etc., one will simulate the reliable available experimental data of both thermodynamical C-activity in austenite and abundance of the Fe sites with different C neighbourhoods (as indirect parameters of the short-range order) obtained by means of Mössbauer spectroscopy, taking into account the C-C interaction within the six or eight shells.
2.2.1. Statistical-Thermodynamics Method of Calculation. To simulate the concentration and temperature dependences of the thermodynamical C-activity, the Murch and Thorn approach [9] to the Fe-C austenite can be used. This approach was selected because it can easily be extended for the longrange C-C interaction. The expression for the C activity can be presented in the following form [7] [8] [9] :
where a conf is a configurational factor that depends directly on the C-atomic distribution;
exp{ΔG/(k B T)} is a factor accounting for the non-configurational expression; ΔG = ΔH − TΔS, where ΔH and ΔS are the relative partial enthalpy and non-configurational partial entropy of C atoms, respectively, i.e. the difference between the isobaric-isothermal thermodynamic potentials per C atom in a 'standard' state (e.g., graphite) and infinitely dilute Fe-C solid solution.
If the C-C 'blocking' effect is supposed, the satisfactory approximation is ensured by the representation of relative probability to find the 12 empty nearest interstices around the certain 'accessible' interstice through the 4 statistically independent identical 'triplets' composed of three correlatively unoccupied interstices; within this supposition [55] 4 (where the coefficient of proportionality may only be temperature dependent-Γ C (4) = Γ C
(T)). Taking into account that, for infinitely dilute binary solid solution, a conf ≅ c C /(1 − c C ) [5] , the nonconfigurational coefficient can be estimated from experimental a C data. For small C concentration,
where c C = N C /N Fe << 1, and N C and N Fe are the total numbers of C and Fe atoms in γ-Fe-C solution, respectively.
The experimental values of a C at c C ≤ 0.02 (≤ 0.03 at 1073 K) and the 'theoretical' point (c C = 0, a C = 0) were used in [24, 25] to calculate the factor exp{ΔG/(k B T)} at several temperatures by means of the least-squares method. The estimated values of exp{ΔG/(k B T)} [24, 25] were smoothed through the fitting curve exp{ΔG/(k B T)} ≅ 0.1434exp{5297.4 K/T} in Ref. [56] . These values are proved somewhat different from those determined in Ref. [6] while using slightly different assortment of experimental activity data ( [10, 11, 12] ; see also bibliography in Ref. [4] ).
The algorithm of calculation of a configurational factor a conf , which uses the Monte Carlo procedure, is explained in detail in Refs [7] [8] [9] . The idea of this method is as follows. For every member of statistical ensemble generated during simulation, only a part of the statistical sum of the system is calculated, namely the one specified by a virtual input of a single new C atom with fixed positions of the others. This partition function is averaged through the usual Monte Carlo procedure. The expression
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for a conf [7] [8] [9] is as follows:
where the summation over J and K is performed for all empty octahedral interstices and Monte Carlo steps, respectively; ΔE J K is a change of the system energy when one 'virtual' C atom is embedded [9] ;
M is the number of Monte Carlo steps, and (N Fe − N C ) is the number of empty octahedral interstices in the model-based crystal lattice. The Monte Carlo simulation is carried out in the following way. Within the framework of the Végard's approximation, the configurational Hamiltonian of a system composed of interacting with each other C atoms and non-interacting empty octahedral interstices, is equal to the sum of pairwise interaction energies W CC (R − R') [1] [2] [3] , One of 12 octahedral interstices nearest to the occupied one is selected in a random way. When the chosen interstice is empty, the Hamiltonian difference ΔU for the respective jump of the selected C atom into that interstice is calculated. The jump is allowed if either ΔU proves to be negative or the probability of the jump, ∝ exp{−ΔU/(k B T)}, is greater than a certain random number ζ ∈ (0, 1). After multiple repetitions of the process, the equilibrium spatial distribution of interstitial C atoms for certain temperature and concentration is achieved.
Upon receiving this equilibrium distribution, after a certain number of cycles (M ≅ 10), the configurational energy change ΔE J K after a 'virtual' embedding of the C atom into every J-th empty interstice is determined as follows:
where the summation over R' is performed for all other octahedral interstices (within primitive unit cells with radius-vectors {R' (≠ R J )}).
Monte Carlo Simulation Results and Comparison with Mössbauer Spectroscopy Data.
The a C concentration dependence has been calculated in [24, 25] at six temperatures either taking into account only the strain-induced C-C interaction within eight co-ordination shells (first way) or with additional (fitting) repulsion in the I-st co-ordination shell (second way). For the first case, any calculated a C (c C ) line (at T = const) did not coincide with set of experimental data. It means that the straininduced interaction can solely not describe the thermodynamic properties of austenite. Because the approximation of strain-induced i-i interaction was previously shown [1, 17-19, 26, 27, 32 ] to be applicable for description of b.c.c.-metal solid solutions only if it is supplemented with 'electrochemical' repulsion (e.g., a screened Coulomb repulsion) in about three co-ordination shells, the strain-induced C-C interaction in austenite has to be also supplemented with a short-range repulsion. The three coordination shells distance of octahedral interstices is equal to 2.49 Å in α-Fe, and this matches the dis-
46
Defects and Diffusion in Ceramics X tance within the first shell in γ-Fe (2.59 Å). This is why the additional C-C interatomic repulsion (ϕ CC (r I ) > 0) may be taken into consideration in the first shell only, and the energies in other shells are preserved as strain-induced in [24, 25] . At least for the first co-ordination shell (r I = |R − R'| ≅ 0.71a 0 ), the 'total' energy W CC (r I ) = V CC (r I ) ('strain-induced' part) + ϕ CC (r I ) ('electrochemical' part) must be used in the Eqs (I.13) and (I.14).
The W CC (r I ) values were fitted in [24, 25] through the least-squares method, which showed the best correlation of simulated a C values with the experimental ones at every temperature: these a C values calculated with the use of fitting energies, W CC (r I ), manifest good agreement of computed and experimental C thermodynamic activity values in austenite.
The average W CC (r I ) value estimated in [24, 25] is +0.115 eV, i.e. the short-range C-C repulsion overrides the strain-induced C-C attraction in the first shell. Therefore, there is strong C-C repulsion in the first two shells as in case of the well-known approach of C-C interaction in two shells only [53] . However, the 'total'-interaction energies fitted and computed in Refs [24, 25] , W CC (r I ) (≈ +0.115 eV) and W CC (r II ) (≈ +0.169 eV), respectively (as well as estimated independently, i.e. semi-empirically, in this work and [56] ), are much greater than the respective values in Ref. [53] -+0.036 eV and +0.075 eV, because the long-range interaction within many shells was not taken into account in [53] .
The a C concentration dependence simulated within the six co-ordination shells, taking into account both verified energies of both strain-induced C-C interaction (the optimal set above the horizontal split bar in Table I .2 of this work; see Fig. I .2b) and 'electrochemical' C-C interaction (the optimal sets in Table I .5 based on Refs [28, 40, 41] ), is presented in Fig. I .5 with solid lines at several temperatures. One can see that these curves do not coincide with experimental data (circles [13] ). Nevertheless, with increase of the dimensions of a simulated crystallite [56] , the computed lines may approach the experimental data. As a whole, the activity calculation shows that the approximation of strain-induced interaction supplemented with 'electrochemical' repulsion in the first shell is mostly applicable for the description of thermodynamic properties of austenite. [56] provided that exp{ΔG/(k B T)} ≅ 0.1434exp{5297.4 K/T} based on data of [10] [11] [12] cited in [24, 25] and also referred in [4] ) taking into account the roughened strain-induced C-C interaction within the six co-ordination shells (see Table I .2 and Fig. I .2b) supplemented with additional 'electrochemical' repulsion in the I-st co-ordination shell and a weak 'polarization' attraction within the next five co-ordination shells from Table I.5 [28] . Accordingly, the respective 'total' energies {W 
Defect and Diffusion Forum Vols. 280-281 47
As regards the Mössbauer data for f.c.c.-Fe-C alloy, they are available only in the narrow concentration range c C = 0.05-0.09 [3, 4, 53, 54, 57] due to the limited storability of the metastable f.c.c. structure during the cooling to room temperature.
According to interpretation [7, 8, 53, 54, 57] one can determine the following parameters of the distribution of octahedral C atoms in the vicinity of Fe atoms depending on the C-C interaction energies: P 0 , P 1 , P 21 90° and P 22 180°. P 0 and P 1 are the atomic fractions of Fe that has no or one C atom in the nearest octahedral interstices, respectively. P 21 90° is the fraction of Fe atoms that have two C atoms in the nearest octahedral interstices separated by the vector r I = (1/2, 1/2, 0)a 0 (i.e. within the I-st co-ordination shell). P 22 180° is the fraction of Fe atoms that have two C atoms in the nearest octahedral interstices separated by the vector r II = (1, 0, 0)a 0 (i.e. in the II-nd co-ordination shell).
Calculation of the short-range order and average values of the ten fractions {P k ; k = 0, 1, 21
180°, 31, 32, 41, 42, 5, 6} was performed by using Monte Carlo computer simulation of spatial distribution of C atoms described above, taking into account the energies of long-range C-C strain-induced interaction within eight or six co-ordination shells without or with additional parameter of 'electro- 
, of C-C interaction within the first eight co-ordination shells (n = I, II, …, VIII) [24] or within the first six co-ordination shells (n = I, II, …, VI) [56] according to the fitting of Mössbauer-spectroscopy data obtained in different works [53, 54] or independent semi-empirical estimation (see Tables I.2, I .5, and [56] ), respectively. [57] .) The simulation results are dependent on the 'freezing' temperature, T f , of the thermodynamically equilibrium atomic distribution during quenching of the austenite specimens. T f was estimated as 600 K in Ref. [53] , and 773 K in Ref. [54] . Because no estimations are trustworthy, the dominating {P k ; k = 0, 1, 21 90°, 22 180°} were calculated for several temperatures (T f = 773, 1123, 1198, 1323, 1600 K), which enclose the temperature range of a C (c C ) simulations (1073-1573 K in [24, 25, 56] ).
The strain-induced C-C interaction can solely not describe the experimental data, and this is necessary to supplement it with repulsion at least within the first shell, as in case of the thermodynamic activity. According to Mössbauer data (see Table I .6), the optimal independently (semi-empirically) estimated value W CC (r I ) ≈ 0.078 eV [56] is located within the range of fitting evaluations from +0.004 eV to +0.089 eV (see [24] ). This result may only be treated as qualitative but not quantitative due to the problems of both the detailed interpretation of Mössbauer spectra and correct T f determination.
Part II. Study of Magnetic Interactions of Substitutional Atoms in F.C.C.-Ni-Fe-(C) Alloys
Calculations of the Exchange Interaction Energies
Magnetic Contribution into the Interaction Energies of Ni and Fe
Atoms. The f.c.c.-Ni 1−c Fe Fe c Fe system is a metallic ordering alloy with magnetic Curie temperatures higher than the spatial disorderorder transformation temperatures [58] . As soon as between 50 and 75 at.% Fe, its magnetism may be of the very weak itinerant-electron type [58] . It is therefore quite evident that a description of this system by a distinguishable-spin-≥½ Ising model Hamiltonian is practice-relevant enough. Of course, it is difficult to explain all the mechanisms of multifarious phenomena within the scope of this model. Nevertheless, it is interesting to consider the model, which is a simple interpolation scheme for this case and to see what kind of interaction parameters and observable quantities one obtains with this procedure. It should be kept in mind that such a comparison is only semi-quantitative and can yield only a rough description of the phenomena in f.c.c.-Ni 1−c Fe Fe c Fe alloys (0.5 < c Fe < 0.75): we by no means attempt to claim that suggested simple model applies directly to the metallic, itinerant and complex situation of these alloys [119, 120] .
The mathematical Heisenberg model of the system of randomly located arbitrary 'spins' concerning 'slowly'-relaxing arrangement of their carriers in a lattice may be updated for binary solid solutions, which consist of both magnetic components. The system Hamiltonian of transition-metal (Ni, Fe) atomic-'spin' operators { ( )} α s R $ at sites {R} of f.c.c. lattice can be constructed, where the contributions of exchange-interaction energies of 'spins' of Ni and Fe atoms in Fe-Fe, Ni-Ni, and Ni-Fe pairs, {J αβ (R − R'); α, β = Ni, Fe}, at arbitrary distances |R − R'| are taken into account. Namely, with the neglect of the anisotropic and antisymmetric components of the 'spin'-'spin' exchange interactions in a Ni-Fe alloy, it can be written down as follows:
here c α (R) (α = Ni, Fe) are the occupation numbers for sites {R} (c α (R) = 1 if there is an α-atom at the origin site of the primitive cell R; otherwise c α (R) = 0). After ensemble averaging over orientations of all atomic 'spin' moments of both constituents amenably to the statistical-mechanics formula 
In other words, let us guess weakness of correlation between 'fast'-relaxing orientations of the 'spin' moments localized on atoms in sites R and R'. As regards the orbital moments, they are assumed as 'silent', at least, because of a feeble magnetic anisotropy in orientation of magnetic moments of atoms, {μ α }, with reference to crystallographic axes of a lattice of an alloy. Therefore, values of Lande's factors [59] , g α , for both constituents (α = Ni, Fe) not strongly differ from 'spin value': g = 2. In that case, 
Furthermore, let us define relative, i.e. reduced, spontaneous magnetization of an α-th subsystem of an alloy by means of averaging of the operator of the total spin moment of atom of an α-th constituent (with spin number of s α ) at the arbitrary site R over orientations of all spin moments of atoms of both constituents in crystallographically equivalent sites of a lattice {R}, at least, in conditions of a feeble internal crystal magnetic anisotropy with reference to a certain crystallographic axis along which we shall direct the Cartesian axis Oz:
It is obvious that −1 ≤ σ α ≤ +1 
Within the scope of the guess of an admissibility of approximation of interaction between the spin moments by means of interaction of each of them with the effective self-consistent ('molecular') field, for system of such spin moments, which do 'not interact' with each other, inside of this effective field, the relative magnetization, σ α = B s α (s α H α eff /(k B T)), is defined by the Brillouin function [58, 59] , ( ) 
3 
Aforecited expression for f (as well as a set of equilibrium equations) for f.c.c. 
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As magnetic phase transition is a critical phase transition (or of the 1-st kind transition close to critical one), the bifurcation points of the solutions of a set of equations for equilibrium values of relative magnetisations almost coincide with a Curie point, T C (c Fe ). To find bifurcation points of such set of equations, they are linearized over σ Fe and σ Ni simultaneously. After application of the Brillouin-function asymptotics, 
[ ] For disordered states, when the optional value of long-range order parameter is η = η C ≡ 0 at Curie temperature that fits to c Fe (at T = T C (c Fe )), the expression for T C is simplified, because A, B, and C are equal to unit. In that case, there is a possibility to determine NiNi ( ) Tables  II.1, II. 2) with the use of experimental dependence (see Fig. II.2a) of Curie temperature on the alloy content in the wide c Fe range, which corresponds to disordered alloy.
The best fit of measured [67] and computed Curie temperatures (see Fig. II .2a) for this alloy (without long-range order) within the involved concentration range is revealed at values The comparison of experimental data on T C and neutron diffuse-scattering intensity summarized in Refs [67] (Fig. II.2a) and [85] , respectively, gives the estimation: w prm (k X ) ∈ (−0.303, −0.300) eV (depending on the spin states of Fe and Ni atoms), if 773 K < T < 801 K (see, for instance, Table II. 3).
As revealed for low-spin states in f.c.c.-Ni-Fe alloy by using the one-relaxation-time approximation [85] for a calculation of equilibrium diffuse-scattering radiation intensity values for a diffraction vector q = 2πB+k in the vicinity of reciprocal-lattice (Bragg) point B,
(where D is normalizing factor; see Refs in [2, 60, 61] ), the magnetic contribution to the Fourier component of 'mixing' energy of this alloy, 
In itself, the presence of atoms with different spin numbers in alloy causes virtually abrupt phase tran- 
56
Defects and Diffusion in Ceramics X tent, T K -the Kurnakov's temperature of atomic order-disorder transformation), i.e. for the temperatures, which are higher than upper absolute instability limit T c Table II .6 and may be compared with available evaluations based on rough and contradictory experimental data (see Table II.7 with an allowance for almost generally accepted definition of signs of 'integrals' J αα' (r I ) of exchange interaction, which, however, does not respond real energies of antiferromagnetic interaction of oppo- Table II der. The short-term annealing at T < T K (1800 sec at T = 745 K and 3600 sec at T = 658 K) promotes formation of the transition short-range order before direct formation of the long-range order [103, 105] . It is significant that the Invar Fe-Ni-alloy was also studied with neutron diffraction in [106] . The obtained values of the short-range order parameters for the first two co-ordination shells are as follows: α 1 = −0.006, α 2 = 0.006 for Fe-30 at.% Ni with annealing temperature T a = 773 K for 4380 minutes; α 1 = −0.010, α 2 = 0.012 for Fe-32 at.% Ni annealed at T a = 753 K for 6480 minutes; α 1 = −0.018, α 2 = 0.018 for Fe-35 at.% Ni (T a = 723 K for 22200 minutes' annealing); α 1 = −0.022, α 2 = 0.024 for Fe-40 at.% Ni (T a = 683 K for 34800 minutes' annealing).
The negative α 1 = α(110) value (Table III. 1) for f.c.c.-Ni-Fe solid solution testifies that such alloy is the system with the short-range order, in which the nearest neighbours are mainly the atoms of different components. However, this tendency is not considerable. The probability that Ni atom is a nearest neighbour of Fe, P Ni|Fe (110) , is defined by the formula P Ni|Fe (r) = c Ni {1 -α(r)}; thus, α(110) = 0, if the probability P Ni|Fe (110) is equal to concentration of Ni-c Ni . As α(110) ≅ -0.1 (Table III. 1), the probability that Ni atom is a nearest neighbour of Fe, P Ni|Fe (110) , is greater approximately by 10% than in disordered alloy (without the long-range order). When increasing the Fe concentration from 22.5 Table III. 1. Short-range order parameters, α(r), for different co-ordination shells {n} in the completely ordered f.c.c.-Ni 3 Fe alloy with L1 2 -type structure and some disordered (without the long-range order) f.c.c.-Ni-Fe alloys studied with the use of x-ray diffuse scattering [70, 71] [71] . This tendency is expected [71] , as temperature of the disorder-order phase transformation is maximal in Ni 3 Fe alloy, and for increasing Fe concentration, the T K is lowered.
After annealing at T a = 753 K, the disordered f.c.c.-Ni 0.368 Fe 0.632 alloy was quenched to the roomtemperature point [70] . Therefore, the atomic diffusion has been rather slow therein. It means that the solid solution should be in a metastable homogeneous single-phase Invar state [70] (its T K can, at least, be less than 683-693 K [110] in a state previously unirradiated with neutrons or electrons; see Refs in [71, 111] ). The measurement was carried out at 293 K, 60 K, and at three selected x-ray energy values for intensification of the contrast of Fe and Ni scattering to magnify the sensitivity of measurements to local atomic structure [70a, 71] . The first six short-range order parameters in disordered Ni 0.368 Fe 0.632 alloy [70] are also presented in Table III .1. The fact that α(000) ≈ 1.0 means that the data obtained at three x-ray energies are self-consistent, i.e. normalizing condition for the short-range order parameter α 0 at r = 0 is satisfied. Both values α(110) and α(200) reveal considerable difference of the state of alloy from disordered one, while the other α(r) values tend to 0 (Table III. 1). The minor tendency of atoms to redistribution is observed, and by that, the nearest neighbours are the atoms of different components, and the next nearest neighbours are the atoms of the same component that specifies L1 0 (NiFe)-type ordering and/or L1 2 (Ni 3 Fe)-one [70] . This tendency, concerning the nearest atomic neighbours of different components, manifests itself to a greater extent in Ni-Fe alloy with more high Ni abundance [71] .
The short-range order parameters, α(r), obtained during measurements at 60 K, coincide with those obtained for measurements at 297 K, because of a slow diffusion at so low temperatures.
For comparison, it should also be noted that the detailed investigation of Ni 3 Fe alloy, prepared through mechanical alloying (or high-energy compaction), was carried out in [112] . Apparently, the process of atomic ordering is diffusion-based and faster in a nanocrystalline form of Ni 3 Fe [112] . It is due to the high diffusive mobility of atoms in nanocrystalline materials.
Within the SCFA, the statistical thermodynamics of the long-range atomic order of f.c.c.-Ni-Fe alloy is completely determined by two energy parameters-w tot (k X ) and w tot (0), where k X = 2π(1 0 0) and k 0 = 0 are the wave vectors that correspond to the high-symmetry reciprocal-space points X and Γ of f.c.c. alloy, respectively; (1 0 0) is the half-translation of reciprocal b.c.c. lattice (for f.c.c. crystal) lying along [ 
Thus, one can get the configurational free energy of f.c.c.-Ni-Fe alloy per site, f = u − Ts (uinternal energy per site, s-entropy per site; see (II.2)), and then determine fundamental thermodynamic characteristics of equilibrium alloy, including the jump of long-range atomic-order parameter Δη(T K , c Fe ) (< 0.47) (see Ref. [101] and Fig. III.1) at T K (c Fe ), the reduced concentration-dependent order(L1 2 )-disorder(A1) transformation temperature tot ( ) Thus, to obtain the jump of the long-range order parameter for Ni 3 Fe-type structure, one has to use the numeric computing to solve the following equation: 
The comparatively low value of the jump of the long-range order parameter at T K (i.e. Δη(T K , c Fe ) < 0.47) for Ni 3 Fe-type superstructure is evidence of stability of this long-range ordered phase with respect to the disordered phase (with short-range order only) and justifies, in some way, the neglect of the correlation effects in spatial locations of component atoms (at least in the vicinity of Kurnakov's temperature) at statistical-thermodynamic consideration of this superstructure.
It is significant that the SCFA is asymptotically correct in the limiting cases of high and low temperatures but not correct in the range within the vicinity of the point of the absolute loss of stability of a disordered phase (see Refs in [1, 2] ), which is slightly less than the 1-st kind transformation tempera- 
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Defects and Diffusion in Ceramics X ture (see Refs in [1, 2, 101, 102, 109] ). However, the larger the radius of interatomic interactions, the smaller the width of this range (see Refs in [1, 2, 95, 102, 109] ). Thus both long-range action in 'interchange' energy of alloy and decay of correlation effects strengthen non-linear character of dependence η(T/T K ) and approach the L1 2 -A1 phase transformation of Ni-Fe alloy, at least, to 'anomalous' phase transition of the 1-st kind [107, 109] . Within the framework of the SCFA, respective curves Δη(T K , c Fe ) and τ K (c Fe ) for the 1-st kind order(L1 0 )-disorder(A1) transformation (close to the 'critical' phase transition) of f.c.c.-Ni-Fe alloy have more trivial approximate forms-Δη(T K , c Fe ) ≅ 0 and τ K (c Fe ) ≅ c Fe (1 − c Fe ) [1, 2, 101] .
The temperature-dependence plots of the equilibrium long-range order parameter η(T, c Fe ) in the vicinity of order-disorder transformation point of f.c.c.-Ni-Fe alloy with allowance for possible effect of small C additions on them may also be calculated and are presented in subsection 5.2 (see Fig. III.7) . 4.2. Kinetics of L1 2 -Type Long-Range Atomic Ordering During Annealing of Ni-Fe Alloys. The advantages of Khachaturyan-Cook microscopic approach [1] can be considered as relating also to the annealing-time dependence of the long-range order on the data of measurements of time dependence of radiation intensity (x-rays, thermal neutrons etc.) on diffraction pattern for a solid solution (if such data would certainly be available). The kinetics of a relaxation of above-mentioned coherent-scattering intensity for a binary f.c.c.-Ni-Fe solution, where L1 2 -type ordering is generated with the three-ray star {1 0 0} (L1 0 -type ordering is generated with only one superlattice vector that enters this star), can be described with the long-range order kinetic approximation based on the Önsager kinetic equations for discrete diffusion relaxation of non-equilibrium single-site occupation probabilities of finding a Fe atom (at lattice sites {R} and any moment of time t), which corresponds to the superlattice wave vector k X = 2π(1 0 0) = 2πa 1 * [1, 2] . In that case, the derivative of free-energy δF conf /δP Fe (R, t) as well as the ΔP Fe (R, t) = ¼η(t)(e , and the time-dependent parameters c^(c Fe , η) and η(c Fe , η) can be expressed with actual long-range order parameter η(t) and composition c Fe by substituting the last expression (III.4) for the left-hand side of previous equality and comparing the result with its righthand side, as the δF conf /δP Fe (R, t) value possesses the same crystallographic symmetry as function P Fe (R, t) [1, 2] for the superstructure involved.
Substitution of the last relations (III.4) into the Önsager kinetic equations for single-site probability [1] , followed by the Fourier transformation, gives the equation in terms of the long-range order parameter:
where
and {−L 0 (R -R')} is a probability of an elementary jump between the sites R and R' = R − r at the timeunit interval for the 'exchange' diffusion mechanism in an ordered binary solution f.c.c.-Ni-Fe (without vacancies, when ∀t P Ni (R, t) = 1 − P Fe (R, t)). (The prime symbol in (III.6) means that the term r = 0 is omitted.)
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This equation (III.5) describes long-range ordering kinetics, if the temperature is below the absolute instability limit T c -(< T K ) of the disordered phase, and there is a spinodal ordering, i.e. if the nucleation-and-growth mechanism (that corresponds to the 1-st kind of atomic disorder-order phase transformation) does not take place.
By using the SCFA [ 
w tot (k X ) for Ni-Fe alloy at different temperatures were estimated earlier (see Table II .3 and Eq. (II.8) ). An implicit solution t = t(η) of Eq. (III.10) is given by the Eq. (III.11).
Assuming the atomic jumps between nearest-neighbour sites only and taking into consideration the condition that the total number of atoms in a system is conserved, for f.c.c. lattice, we can write Eq. (III.6) as follows:
for k = 2π(h x h y h z ), where {−L 0 (r I )} is proportional to the circular-jump probability of a pair of atoms at nearest-neighbour sites R and R' (r I = |R − R'|) per unit time. Using experimental data from Ref. [107] (see Fig. III.3 [123] . (It is important that diffusion migration of the 'slowest' particles is that process, which finally forms an equilibrium state of ordered system.) Accordingly to the Arrhenius formula, estimated diffusion-migration activation energy for Fe (and Ni) atoms is approximately 1.6 eV.
For disordered f.c.c.- 62 Ni 0.765 Fe 0.235 -type solution, probabilities of 'random-walk' jumps of both Fe and Ni atoms into a given site of the nearest-neighbour shell around a 'zero'-site heterogeneity or into the next-nearest-neighbour sites were simulated in [104, 123] . Obtained microparameters of diffusion were estimated on the basis of available experimental data [85] concerning neutron diffuse-scattering evolution kinetics caused by the short-range order relaxation of the solid solution. Respective 'microdiffusivities' determine the short-range order change and give information about its kinetics. This stands for the a b On the other hand, by using the known energies of exchange interactions, the temperatures of magnetic transitions in a weak interstitial-substitutional f.c.c.-Ni-Fe-(0-0.0007 C) solutions in a disordered state with the zero parameter of the long-range order may be calculated, and the diagram of magnetic states of substitutional Ni-Fe-subsystem doped with interstitial C may be plotted numerically where T C is measured in [K] , and c Ni = 1 − c Fe [113] .
Conclusions
The results of performed numerical calculations of strain-induced ('elastic') pairwise interaction energies of interstitial-interstitial, interstitial-substitutional, and substitutional-substitutional atoms in α-Ni and γ-Fe were presented. The microscopic theory applied in this paper enables to take into account the atomic structure of solid solutions. The elasticity moduli, lattice spacings, and Bornvon Kármán parameters of the host lattice are the input parameters used for the computations of the numerical coefficients {A αβ (R − R')}, which are material parameters of α-Ni and γ-Fe. These coefficients enable to calculate directly the strain-induced pairwise interaction energies between any dissolved atoms within many co-ordination shells provided that the coefficients of the concentration expansion of the host lattice (related to the relevant substitutional and interstitial atoms) are known.
The strain-induced interaction in some α-Ni-and γ-Fe-base solid solutions is generally strong and must necessarily be taken into account for the analysis of structure and properties of solid solutions.
The calculation of the C activity and C distribution parameters yielded with the use of Möss-bauer spectroscopy shows that the strain-induced interaction model is applicable, for instance, to Fe-C austenite, but it must be supplemented with additional 'electrochemical' C-C repulsion at least in the first co-ordination shell.
In other words, the applied procedure of Monte Carlo computer simulation of the constitution of nanoscale Fe-C-austenitic crystallite is based on the analysis of both the dependences of relative fractions of any type of atomic configurations on interatomic C-C interaction energies and the revealed correlation between the potential energy of such modelling system and numbers of iterations (as well as Monte Carlo steps) in the approach to constrained equilibrium.
As shown, for adequate reproduction of experimental thermodynamic C-activity data in austenite, one needs to consider a simulating crystallite of size not less than 52.5×52.5×52.5 in units of parameter of f.c.c. conventional unit cell. For the relaxation, it is enough to pass no more than 10 (for instance, 5) Monte Carlo steps.
In computations, the 'electrochemical' (direct) and strain-induced (indirect) contributions to C-C interaction are taken into account. The sets of energies of this (total) interaction, {W n CC }, within the first six interstitial co-ordination shells (n = 1, ..., 6) with rated radii up to 6.35 Å are estimated, and optimal set (W 1 CC ≈ 0.078 eV, W 2 CC ≈ 0.144 eV, W 3 CC ≈ −0.039 eV, W 4 CC ≈ 0.003 eV, W 5 CC ≈ 0.0025 eV, W 6 CC ≈ 0.0197 eV) is selected. The last set optimally corresponds to experimental concentration and temperature dependences of C activity and Mössbauer-spectroscopy data on the nearest neighbourhood of Fe atoms with C octahedral interstitials. The abundances of the different relative positional atomic Fe-C and C-C clusters (depending on C-C interaction energies) are determined.
The increase of C content in f.c.c.-Ni-Fe-C alloys results in deviation of the dependence of the relative saturation magnetization on reduced temperature, by means of decrease its convex camber, with respect to the well-known Brillouin function for pure Ni. Similar effect is redoubled for compositions that approach to the standard Invar one. This effect is accountable for the increase of the number of atoms with spin 3/2 (s Fe ) at the expense of carriers with smaller spin 1/2 (s Ni ) and supported with the calculation results, which use the obtained exchange interaction parameters.
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The exchange interaction parameters and the Fourier components of exchange interaction energies of atomic 'spins' for disordered f.c.c.-Ni-Fe alloy were fitted, and the different signs for nearest neighbours were revealed that points to presence of Fe-Fe antiferromagnetic and both Ni-Fe and Ni-Ni ferromagnetic interactions in the involved alloys.
The optimal set is as follows (depending on the spin states [50, 58, 98, 99] Increasing C content in the f.c.c.-Ni-Fe-C alloys results in elevation of the (reduced) concentration-dependent 1-st kind order (L1 2 or L1 0 )-disorder(A1) transformation temperature. Effect of C alloying on the Curie temperature is crucially dependent on both C and Fe concentrations.
The Khachaturyan-Cook microscopic approach at issue relates the time dependences of the long-range or short-range orders to atomic diffusion. It enables to use the data of measurements of time dependence of radiation diffraction or diffuse-scattering intensity for a crystal of binary substitutional solid solution Ni-Fe for calculation of both probabilities of elementary atomic-diffusion jumps to different lattice sites per unit time and 'exchange' or vacancy-controlled diffusion coefficients, respectively.
For instance, for disordered f.c.c.-Ni-Fe alloy, total activation energies of vacancy-controlled diffusion and self-diffusion of 'slow' (Fe) atoms are approximately 3.2 and 2.6 eV, respectively, and the 'exchange'-diffusion migration energy of these atoms in atomic pairs in long-range ordered Ni 3 Fe Permalloy is estimated as 1.6 eV.
